Nine Al-(1-3)Mg-(0-0.4)Cu-0.15Si-0.25Mn (in wt%) alloys with potential applications in both packaging and automotive industries have been investigated. Tensile testing showed that solution strengthening is in good approximation linearly proportional to the Mg content. Mechanical testing and microstructural examinations of aged samples indicate that Mg 2 Si phase precipitates contribute to age hardening of Cu-free alloys, whilst both Mg 2 Si phase and S (Al 2 CuMg) phases contribute to that of Cu-containing alloys. The age hardening capability is critically influenced by solution treatment temperature: increasing the solution treatment temperature from 500 to 550ºC results in a marked increase in rate of hardening for Cu containing alloys and solution treatment at about 550ºC or higher is needed to allow Mg 2 Si phase precipitation during ageing in Cu-free alloys with Mg content of about 2% or higher.
Introduction
Aluminium alloys are used in a wide range of applications in transport, packaging, building and general engineering sectors. The alloys studied in this work, with compositions in the range Al-(1-3)wt%Mg-0.2wt%Mn-0.2wt%Fe-0.2wt%Si-(0-0.4)wt%Cu, encompass alloy compositions that are employed in canstock and compositions that have potential for application in cars. Al-Mn based (3XXX) and Al-Mg based (5XXX) alloys have been widely used in beverage cans for decades [1, 2, 3, 4] . Specifically, AA3104/3004 (compositions typically around Al-1Mg-1Mn-0.2Cu-(0.3-0.6)Si-0.5Fe) and AA5182 (composition around Al-4Mg-0.3Mn-0.1Cu-0.2Si-0.2Fe) alloys have long been used as can body stock and can end stock, respectively. Although the market now is mature, there is a fierce competition coming from alternative materials such as steel, polyethylene tetraphthalate (PET) etc. [1, 2] . The solution to improving the competitiveness of Al alloys is to reduce the costs by improving process efficiency and innovations in weight reduction or downgauging of the canstock [1, 2, 4] . Therefore, it is essential to understand (both qualitatively and quantitatively) the relation between processing, microstructure and properties.
In recent decades, there is a trend in the automobile industry to use aluminium alloys as car body panels to reduce weight and thus improve fuel economy and emissions [5] . Both 5XXX Al-Mg alloys, which are mostly non-heat-treatable, and heat-treatable Al-Cu, Al-Mg-Si-Cu and Al-Mg-Si alloys of 2XXX and 6XXX series are used. Although the Al-Mg-Mn 5XXX alloys have good formability, they have a relatively low strength with a tendency of Lüders band formation [6, 7] , which restricts their use to interior structural applications [5] . Hence, for automotive applications, there is a growing trend to exploit new alloys [8, 9] . 5XXX alloys (especially AA5182 and AA5052 (composition around Al-3Mg-0.3Mn-0.1Cu-0.2Si)) with small Cu additions are very promising candidates for these applications because of their excellent formability, good strength and the benefits of precipitation hardening during paint-baking due to Cu additions [10] . However, precipitation hardening induced by Cu additions may make the interactions between work hardening, recovery and precipitation more complicated during processing.
Canstock sheet production involves a number of thermomechanical processing steps, starting with DC ingot casting followed by homogenisation, hot rolling, annealing and cold rolling. Homogenisation usually occurs at two temperatures, e.g. starting at about 570˚C followed by slow cooling to about 510˚C. Its main objectives in the can making process are the elimination of microsegregation, the transformation of the Al 6 (Fe,Mn) coarse particles to α-Al 12 (Fe,Mn) 3 Si particles [11] and the redistribution of Mn from solid solution to coarse particles and dispersoids. During the relatively slow commercial heat up of an ingot, a uniform distribution of Mg, Cu and Si can be achieved after heating up to 500˚C [12] . A range of further hot and cold rolling steps follow, and can bodies are produced by a draw & iron (D&I) process. The can body needs to be able to withstand a minimum dome reversal pressure, and have vertical load bearing capacity, making strength an important consideration too. Higher strength enables thinner sheet to be used and hence a more efficient use of material in the fabrication of the product. Surface qualities of the sheet are also important, both in terms of surface finish for the product and for good frictional characteristics between the sheet surface and the forming dies.
The alloys used for the above-mentioned canstock and automotive applications are generally based on Al-Mg-Mn alloys with small additions of Cu. The alloys are warm or cold rolled to achieve thin gauge. During the processing of alloys with Cu additions, precipitation of strengthening phases occurs during hot and cold rolling as well as during heat treatment after cold rolling [13] . In both cases, precipitation will change the yield stress and the work hardening, which will affect subsequent further working of the alloys. After cold rolling, the alloys for beverage can application are used in a work hardened condition, but for the car body application, they will be supplied to car manufacturers with O temper (annealed) due to the higher requirement of excellent formability during car body forming. For both applications, coating/painting and baking are needed as a final procedure. Both recovery and precipitation will occur during the baking process of the cold worked alloys.
The present paper reports work on nine alloys in the range Al-(1-3)wt%Mg-0.2wt%Mn-0.2wt%Fe-0.2wt%Si-(0-0.4)wt%Cu. These low Cu additions are effectively microalloying additions, causing changes in the amount of secondary phases that are very small compared with the amounts present without the Cu additions [14] . As part of a larger study into modelling of microstructure evolution and mechanical properties, we here present an analysis of the solution strengthening and age hardening capability of the alloys after solution treatment.
Experimental
In this study, nine Al-(1-3)Mg-(0-0.4)Cu-Mn-Fe-Si alloys (in wt%) were investigated. The alloys were produced at the former Alcan Banbury Labs, Banbury, UK, and their compositions are shown in Table I . All alloys were direct chill (DC) cast. The cast ingots were preheated and homogenised at 540ºC, and subsequently hot rolled down to 5mm in thickness. After that, the hot rolled sheets were solution treated at 500ºC for 20 minutes, followed by cold rolling to 10% and 40% reduction. Transmission electron microscopy and electron backscatter diffraction studies of the as cold-rolled material were reported elsewhere [15] . Specimens of 40% cold rolled alloys were re-solution treated at 500°C/30min and 550°C/30min for mechanical testing and age hardening experiments.
The tensile testing specimens were designed based on and within the specification of the ASTM-E8M standard. To provide a valid measurement of sample elongation and elongation to failure, samples should fail in a smooth section between the points of attachment of the extensometer. To ensure this, a small modification of the design of tensile specimens was adopted which entailed a small and gradual change in the cross sectional area of about 0.8% such that the minimum cross sectional area is located in the middle of the gauge length of the sample. Therefore, a specimen with this geometry is prone to fracture at the middle of the gauge length during tensile testing due to the highest stress occurring in this section. The tensile axis is taken in the longitudinal (L) direction (i.e. the rolling direction). Tensile testing was performed on the freshly solution treated samples solutionised at 500°C to evaluate solution strengthening due to Mg and Cu. Tensile tests were performed using an 8800 series Instron machine at a constant strain rate of 0.001 s -1 . For each condition usually two tests were performed. The difference in elongation to failure between two tests is on average 3%; i.e. the confidence in the reported average is about 1.5%. The difference in 0.2% proof strength between two tests is on average 3MPa, i.e. the confidence in the reported average is about 1.5MPa.
For age-hardening tests, solution treated samples were isothermally aged at 170°C in an oven. Hardness tests were performed using a micro-Vickers hardness tester with 1 kg load held for 15s. The mean of 5 indentations was taken as the hardness of the corresponding condition.
For analyses by differential scanning calorimetry (DSC), small disks were prepared. The DSC experiments were conducted in a Perkin-Elmer Pyris 1 DSC. All experiments were run at a constant heating rate of 10ºC/min. Details and methodology for DSC experiments and baseline correction are provided elsewhere [16] . In the present alloys, the heat effects are very small, and hence baseline correction proved challenging. In the presented DSC thermograms, baseline correction using a linear function was conducted, and remaining uncertainties on position of baseline are in the order of 2mW/g in the range up to 400ºC.
Samples for analysis by a field emission gun scanning electron microscope (FEG-SEM) were cut from cold rolled sheets with 10% reduction and then cold mounted. Subsequently, they were ground and polished using standard procedures. FEG-SEM observations were conducted on a JSM-6500 scanning electron microscope for intermetallics analysis. The FEG-SEM was equipped with an energy dispersive spectrometer (EDS) for compositional analysis.
3
Results and discussion
Intermetallic particles
Intermetallic analysis by SEM/EDS was performed on the cold worked samples of alloys A1, A2, A3, A4, A5 and A9. Cold-rolled alloy A9 was selected for detailed intermetallics analyses, and example of particles observed by SEM is presented in Fig. 1 . The particles are generally aligned in the rolling direction. For one group of particles, which appear bright in the backscatterred electron imaging (BEI) mode, the EDS results reveal the presence of Cu, Fe, Mn and Si. A plot of Si:(Fe+Mn+Cu) ratio vs. Al:(Fe+Mn+Cu) ratio ( Fig. 2) shows that these particles can be classified into two groups. Thermodynamic simulations (see below) and various microstructural studies on similar alloys (see e.g. [11, 17] 3 Si, which is 4. This may be due to the interactions of the surrounding Al matrix and the particles analysed. A third type of particles found in alloy A9 appears darker in the BEI images. The EDS analysis in the SEM shows it contains Mg and Si elements, with no significant amounts of other alloying elements being detected, and it may be identified as Mg 2 Si phase. The observations on the presence of these particles are summarised in Table 2 . Prediction of phase diagram can be achieved through computational thermodynamics based on calculating the free energy of co-existing phases present in a system by minimising the Gibbs free energy. In this study, some thermodynamic predictions made by MTDATA software will be used. From the results of the thermodynamic calculations, three types of intermetallics may form during solution treatment depending on alloy composition: Al 6 (Fe,Mn), Al 12 (Fe,Mn) 3 Si and Mg 2 Si. Al 6 (Fe,Mn) is predicted to be present in all the alloys at the solutionising temperatures 500°C and 540°C and the predicted amounts of Al 12 (Fe,Mn) 3 Si and Mg 2 Si are listed in Table 2 , together with the results of experimental observations of these two phases.
The thermodynamic model predictions and SEM/EDS experimental results are in many aspects consistent with each other except for that thermodynamic model predicts that at 500°C cubic alpha particles are present only in the alloys with 1wt% Mg, and for alloys with higher Mg content, no such particles are predicted. However, cubic alpha phase was detected in all the alloys studied. 
Strength of solution treated alloys
The results of tensile tests of the alloys in solution treated condition (solution treatment temperature 500ºC) are presented in Fig. 3 and Fig. 4 . The results show that increasing the Mg content by 1wt% has a strong influence on the yield strength, with increasing Cu content by 0.2wt% causing a limited but detectable increase in the yield strength. Fig. 5 shows that, in common with many alloy systems, the elongation to failure tends to decrease with increasing yield strength. Cu addition appears to slightly increase the ductility at equivalent yield strength.
In order to model the yield strength of these alloys in worked and subsequently aged conditions, the following contributions have to be considered: Solid-solution strengthening, which is here mainly due to Mg Dislocation strengthening, i.e. work hardening & recovery Precipitation hardening Grain boundary strengthening Base strength In the case of multicomponent alloys, a number of models [21, 22, 23, 24, 25, 26, 27] have been proposed to determine the strengthening effect due to dissolved alloying elements. A general form for the increment in the critical resolved shear stress (CRSS) due to solution strengthening, Δτ ss , on the solute concentration is:
where k is a constant related to the properties of the related solute j, c is the solute concentration. Theoretical treatments indicate n could equal 2/3, 1 or 1/2 [24] . The yield strength of solution treated alloys, that have negligible strengthening contributions due to dislocations, is written as:
where Δσ gb is the strength increment due to the grain boundaries, M is a crystallographic orientation factor (often termed the Taylor factor) which is related to texture and the orientation of the specimen, τ o is critical resolved shear stress of pure Al. The self-consistent modelling of the plastic deformation of FCC polycrystals gives M=2.6 [28] . The validity of Eq. 1 was tested by taking n SS as 1, 2/3 or 1/2 respectively, and fitting the k parameters by the Least Square Method (LSM). Comparing the root mean squared error (RMSE) using different n SS values, the lowest RMSE can be achieved when n SS equals 1. This finding is consistent with other analyses of solid solution strengthening by Mg [27, 29] .
After these parameters were determined, the yield strength of the solution treated alloys can be modelled using equations 1-2, and the predicted results and experimental results are shown in Fig. 6 . As shown in the figure, the predicted results reflect the experimental results very well with RMSE about 1.4 MPa. k Mg determined this way is 590MPa (i.e. the CRSS increases by 5.9MPa per at%Mg), which compares to 540 MPa from data given in Ref. [30] , and an analysis of literature data from the ASM Handbook [31] provides 570MPa [15] .
Age hardening
The hardness during isothermal ageing at 170°C for samples after solutionising at 500°C and 550°C are presented in Fig. 7 . As shown in the figure, all Cu-containing alloys and alloy A1 show age hardening. For Cu-free alloys A2 and A3, no substantial age hardening was observed after solutionising at 500°C, but after solutionising at 550°C these alloys do show age hardening (see Fig.  7b ). In interpreting the hardening data we need to consider that for the present alloy compositions ternary Al-Cu-Mg precipitates, precipitates based on the Mg 2 Si precipitation sequence and possibly quaternary Al-Mg-Si-Cu precipitates can cause strengthening (see e.g. [32] ); whilst Mg contents are too low to allow precipitation of binary Al-Mg precipitates [33] . For instance, high-resolution transmission electron microscopy (HRTEM) studies of an Al-3Mg-0.4Cu-0.12Si (wt%) alloy during artificial ageing at 180°C has shown the presence of coherent precipitates (crystal structure is orthorhombic Cmmm with lattice parameters a=1.2 nm, b=0.4 nm, c=0.4 nm), which on further ageing transform into S phase [34] . Our results in (Fig. 7) show that a wide range of alloy compositions with very low Si and Cu contents are age hardenable. Age hardening for Cu free alloys occurs presumably through formation of Mg 2 Si type precipitates. To further study the reactions responsible for age hardening, DSC experiments were performed on the alloys in solution treated condition. For all alloys exothermic reactions indicative of precipitation reactions [16] occur, see Fig.8 and Fig. 9 . To compare the isothermal ageing treatments with non-isothermal treatments by DSC in this study, we can use the temperature compensated time for a single thermally activated reaction, which is defined as [16] : where E a is the activation energy for the reaction (typically about 120 to 150 kJ/mole for precipitation reactions involving Si, Mg and Cu), R is the gas constant, T is a temperature reached during a non-isothermal treatment, T eq and t eq are an equivalent temperature and time in an isothermal heat treatment, respectively. The integral can be approximated in several ways [35, 36] . From temperature-compensated time calculations it can be deduced that reactions related to age hardening, which complete within several days isothermal ageing at 170˚C, are related to reactions occurring during DSC heating up to 350˚C during DSC at a heating rate of 10˚C/min. Hence, an analysis of DSC data up to 350˚C may provide some interpretation of age hardening observed in the alloys. For Cu-free alloys, as shown in Fig. 8 , an exothermic effect E1 at temperatures around 200-300˚C occurs in solution treated alloy A1, regardless of the solutionising temperature. However, for alloys A2 and A3, it only occurs when the alloys are solutionised at 550˚C. This is consistent with the observation of age hardening of these three Cu-free alloys. The effect E1 in Fig. 8 , which is likely to be due to the precipitation of Mg 2 Si type precipitates, may be responsible for the age hardening observed during ageing for the Cu-free alloys. For Cu-containing alloys, the heat effects due to reactions become more complicated as shown in Fig. 9 . An exothermic effect E2 at the temperatures around 200-300˚C occurs in all solution treated Cu-containing alloys, regardless of the solutionising temperature. This is consistent with the observation of age hardening detected in all the Cu-containing alloys. This precipitation reaction is likely to be the main contributor to the age hardening of the alloys during isothermal ageing. For alloy A9 this effect is preceded by an exothermic effect at temperatures around 100-200˚C, indicated as E1 (see Fig. 9 ). It occurs in alloy A9, regardless of the solutionising temperature. This effect is consistent with the observation of rapid hardening within 1h ageing (see Fig. 7b ).
The SEM investigations (see section 3.1) showed that the cold rolled alloys with 1wt% Mg, which were solutionised at 500°C prior to cold rolling do not contain coarse Mg 2 Si particles, whilst coarse Mg 2 Si particles were observed in the alloys with higher Mg content. This suggests that for the alloy with 1wt% Mg (alloy A1), Mg 2 Si particles can be dissolved at 500°C and thus Si becomes available for precipitation, and hence age hardening in this alloy is ascribed to the precipitation of Mg 2 Si particles and their precursors (e.g. β" phase [37] ). However, for alloys with Mg content in excess of 2wt% very limited Mg 2 Si particles can be dissolved at 500°C and thus less Si is in solution and hence no substantial age hardening can be observed in alloys A2 and A3. However, the Mg 2 Si particles can be dissolved at 550°C, hence these alloys show age hardening after solutionising at 550°C. This interpretation of Mg 2 Si solubility for these alloys in the 500 to 550°C range is consistent with thermodynamic modelling predictions (see Table 2 ) and DSC analysis (see above). Thus the age hardening capability of these alloys is very sensitive to the combination of Mg content and solution treatment temperatures, which determine the amount of Si that is available for precipitation hardening.
All alloys show substantial age hardening after solutionising at 550°C (Fig. 7b) . Compared with the results of ageing after solutionising at 500°C, the maximum hardness reached is higher and the hardening occurs at an increased rate. This enhanced age hardening rate may be due to an increased density of vacancies introduced at the higher solution temperature, which provides more nucleation sites for precipitation. It is interesting to note that after solutionising at 550°C, most Cu-containing alloys show rapid hardening within 1h ageing (Fig. 7b) . But after solutionising at 500°C, only alloy A9 shows rapid hardening (Fig. 7a) . This rapid hardening is though to be due to either Cu-Mg coclusters [38, 39] or S'' phase [34] and is also consistent with the DSC analysis (see above).
We further compared the observed age hardening and the assumed existence of two precipitation sequences with predictions based on the theory of hardening through hampering of dislocation movement by obstacles. This theory predicts that in the absence of significant dislocation hardening the yield strength of a polycrystalline alloy is given by [40, 41] :
In a further approximation we may consider that the diameter and aspect ratio of the precipitates at the peak of strength does not depend significantly on the alloy composition, and provided the two precipitates types reach their peak strengthening contribution at approximately the same ageing time, the precipitate strengthening contribution is proportional to the volume fractions as follows:
where B A and B B are constants depending on the diameter and aspect ratio of the precipitates at peak strength. This model for peak strength (Eq. 6 and 7) was fitted to the observed data on hardness increment caused by ageing (which ranges from 0 to 39HV) using the assumption that hardness is proportional to yield strength. To this end we assume that the precipitate stoichiometry is independent of alloy composition and fit B A and B B to the data. A good correlation (standard deviation 3HV, which is 8% of the observed range) of modelled and measured peak hardness (from Fig. 7a ) is obtained. (It should be noted that when alloy A5, which appears to have a somewhat high peak hardness, is omitted the standard deviation improves to 2HV.) This good correlation shows that the observed peak hardness values are indeed consistent with the present interpretation of two precipitates being responsible for peak hardness. Higher than predicted hardening increments are observed for alloys A5, A8 and A7 (in order of highest deviations). These alloys are close together in terms of Mg:Cu:Si ratios which might hint at further details relevant to precipitation hardening beyond the simplified approximations considered here. It might for instance hint at the occurrence of quaternary precipitates.
It should be noted that Vooijs et al. [43] have studied precipitation in solution treated (at 610°C) and solution treated and subsequently cold rolled Al-0.9Mn-0.97Mg-0.18Cu-0.0.46Fe-0.29Si and Al-1.04Mn-1.36Mg-0.30Cu-0.31Fe-0.17Si alloys (in wt%) by using thermoelectric power and resistivity measurements. In agreement with our analysis they concluded that S precipitates (Al 2 CuMg) form at ageing temperatures below 225°C but they stated that only a very small amount of Mg 2 Si forms. Our analysis indicates that for the very similar alloy A4, Si containing precipitates are significant, with the strengthening contributions from the two types of precipitates of similar order of magnitude. One explanation may be the larger Mn content of Vooijs et al.'s alloy which may lead to increased amounts of the Si containing Al 12 (Fe,Mn) 3 Si remaining undissolved during the solution treatment. We would also note here that the analysis in [43] using a combination of thermoelectric power and resistivity measurements might produce some inaccuracy with regards to the ratio of S and Mg 2 Si precipitates due to a non stoichiometric composition of the Mg 2 Si precipitates and electron scattering effects by very small precipitates.
Conclusions
Nine Al-(1-3)Mg-(0-0.4)Cu-0.15Si-0.25Mn (in wt%) alloys with potential and existing applications in both packaging and automotive industries have been investigated. Tensile testing at room temperature of solution treated samples showed that solution strengthening in good approximation increases linearly with Mg content. In solution treated condition, the alloys have elongation to failure between 22 and 26%; Cu additions have a very limited influence on elongation. Hardness testing and DSC analysis of solution treated and aged samples indicate that Mg 2 Si phase precipitates contribute to age hardening of Cu-free alloys, whilst both Mg 2 Si phase and S (Al 2 CuMg) phases contribute to that of Cu-containing alloys. The age hardening capability is critically influenced by solution treatment temperature: increasing the solution treatment temperature from 500 to 550ºC results in a marked increase in rate of hardening for Cu containing alloys and solution treatment at about 550ºC or higher is needed to allow Mg 2 Si phase precipitation during ageing in Cu-free alloys with Mg content of about 2% or higher.
